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Nanotwinned structures have shown great promise as optimal motifs for evading the strength-ductility
trade-off. In this paper, we present a study of high temperature creep in polycrystalline nanotwinned
face-centered cubic metals using molecular dynamics. The simulations reveal that the nanotwinned met-
als exhibit greater creep resistance with decreasing twin boundary spacing over a large range of applied

stresses. The findings also indicate that the presence of twin boundaries entails higher stress for the onset
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of power-law creep compared to the nanocrystalline counterparts. Nanotwinned metals with very high
density of twin boundaries exhibit a new creep deformation mechanism at high stresses governed by
twin boundary migration. This is in contrast to nanocrystalline and nanotwinned metals with larger twin
spacing, which exhibit a more conventional transition from grain boundary diffusion and sliding to

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

There is compelling evidence for the critical role of twin bound-
aries (TBs) in imparting the extraordinary combination of strength
and ductility to nanotwinned metals [1,2]. This is in stark contrast
to nanocrystalline materials, which exhibit a loss of ductility, and
grain stability with decreasing grain size, thereby dampening the
initial enthusiasm generated by their very high yield strength
(see [3] for review). It is now well-documented that the twin
boundaries strengthen by serving as effective barriers for arresting
dislocation motion while simultaneously enhance ductility by
absorbing dislocations onto the twin planes and accommodating
plasticity. With the emerging potential of nanotwinned structures
as optimal motifs for the design of high strength high ductility
materials, the prospect of their creep response is of vital concern,
one that would determine their true practical utility for structural
applications. Although creep mechanisms in nanocrystalline mate-
rials have been investigated extensively through experiments and
analytically, the topic has been relatively unaddressed in the con-
text of nanotwinned metals, which is the focus of the present
study.

The deformation mechanisms associated with creep in conven-
tional polycrystalline metals at different ranges of applied stresses,
temperatures and grain sizes are well-described by the unified
Bird-Dorn-Mukherjee relation [4] given by
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where € is the strain rate, A is a dimensionless constant, Dy is a fre-
quency factor, G is the shear modulus, b is the magnitude of the
Burgers vector, kp is Boltzmann’s constant, T is the absolute temper-
ature, d is the grain size, p is the inverse grain size exponent, ¢ is the
applied stress, n is the stress exponent, and AQ is the activation
energy for a particular mechanism. The Nabarro-Herring creep
mechanism [5,6] that involves vacancy flow through the lattice is

characterized by a 1 /d2 dependence on the grain size, whereas
Coble creep [7] that involves vacancy diffusion along the grain

boundaries, exhibits a 1/d° dependence. Both these mechanisms
are characterized by a linear dependence on the applied stress
(n ~ 1). Furthermore, it is well-accepted that grain boundary sliding
is necessary to accommodate this diffusional transport in order to
maintain compatibility of the adjoining grains and hence occurs
simultaneously with diffusional creep [8]. Although at low stresses,
the diffusion is rate limiting, some studies have shown analytically
that at intermediate stresses, the strain rate is controlled by grain
boundary sliding which is manifested in a stress exponent n ~ 2
[9]. n > 4 indicates the onset of power-law creep and is associated
with dislocation-climb mediated mechanisms that become domi-
nant at higher stresses [10].

A number of experimental studies have been carried out on
creep of nanocrystalline metals at low and moderate homologous
temperatures (viz. T/T, < 0.7, T, is the melting point) and have
demonstrated various atomistic mechanisms [11-16]. Several
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molecular dynamics studies have also been performed to elucidate
the atomistic mechanisms underpinning the creep response of
nanocrystalline metals at elevated temperatures [17-19]. Creep
mechanisms including grain boundary diffusion, grain boundary
sliding, and dislocation nucleation have been identified under dif-
ferent levels of applied stress as intra-granular dislocation activity,
especially dislocation climb, is severely limited by the small grain
sizes. A few studies on nanotwinned metals have reported that
nanotwinned Cu and Ag are much more structurally stable and
retain their hardness than their nanocrystalline counterparts dur-
ing microindentation creep tests and cyclic loading at room tem-
perature [20,21]. Sanders et al. [14] have also noted the presence
of a high density of twin boundaries in their as-prepared nanocrys-
talline Cu samples, and they believed these twins and low angle
grain boundaries to play a role in the low strain rates observed
in their creep tests. In the present study, molecular dynamics
(MD) simulations of creep in polycrystalline nanotwinned Cu have
been performed over a wide range of applied stresses to elucidate
the role of coherent twin boundaries in governing the rate-
controlling creep mechanisms. We emphasize that all MD simula-
tions are inherently limited by high strain rates (of the order of
10® s~1) and very short time scales (of the order of a few nanosec-
onds) that are accessible to these conventional atomistic methods.
To partially circumvent this limitation, our simulations have
been performed at high homologous temperatures at which the
GB-mediated creep mechanisms are identifiable on the time scale
of MD, and previous simulation results have shown agreement
with phenomenological models and experimental data [22].

2. Simulation method

Simulations were performed on three-dimensional nanocrys-
talline (NC) and nanotwinned (NT) Cu specimens containing 16
randomly oriented grains in body-centered cubic distribution cre-
ated by Voronoi construction [23]. The NC specimen had an overall
size of about 21.8 nm x 21.8 nm x 21.8 nm consisting of 836,450
atoms. The NT specimen had an overall size of about
20.6 nm x 21.4 nm x 20.2 nm consisting of 712,335 atoms. The
shape and size of the grains were kept uniform in order to avoid
grain growth at the high temperatures considered in this study
[17]. The grain size in NC samples was about 10.8 nm (Fig. 1(a)).
Four NT samples were constructed with a twin boundary (TB)
spacing of 0.6 nm, 1.2 nm, 2.5 nm, and 5 nm and a grain size of
10.3 nm. Fig. 1(b) shows the relaxed configuration of nanotwinned
Cu with twin lamella thickness of 0.6 nm. Periodic boundary

(a)

conditions were applied in the x, y, and z directions. Inter-atomic
interactions were modeled using the embedded atom method
(EAM) potential for Cu developed by Mishin et al. [24]. The samples
were first equilibrated at a given temperature using the NPT
ensemble for 200 ps. In order to investigate the creep response of
both NC and NT samples, a constant stress was applied along the
x direction for another 200 ps, while maintaining the other two
directions stress-free and the resulting evolution of the strain
was obtained. Creep was studied at different levels of uniaxial
stress ranging from 0.05 GPa to 3.5 GPa and different tempera-
tures, specifically, 720 K, 960 K, and 1080 K which correspond to
0.5, 0.7, and 0.8 homologous temperatures respectively. All simula-
tions were performed using LAMMPS [25], and the atomistic struc-
tures were visualized based on common neighbor analysis using
OVITO [27].

3. Results and discussion

Fig. 2(a) shows the evolution of strain with time for NC Cu and
NT Cu with twin spacing of 0.6 nm subjected to different levels of
stress at 960 K. All the curves exhibit a short elastic regime for the
first few picoseconds, and then enter the creep stage as indicated
by the change in slope. As our focus is on the analysis of steady-
state creep, the creep curves only show the first two stages of
creep. Therefore, for applied stress lower than 1 GPa, the simula-
tions end at 200 ps, whereas for applied stresses above 1 GPa, the
simulations are terminated at much earlier times, consistent with
the simulations of Wang et al. [19] on NC Cu. As expected, all spec-
imen exhibit larger deformation with increase in the applied stress.
At all stress levels considered here, the NT specimen shows a lower
creep rate when compared to its NC counterpart. Moreover, the dif-
ference in their strain curves increases steadily with the increase in
the applied stress until 1 GPa. Fig. 2(b) shows the creep results for
the same NT and NC specimen at 0.6 GPa under varying tempera-
tures. All specimen exhibit increasing strain rate with increasing
temperatures as expected. Comparing the response of NT and NC
specimens, we observe similar trends as in Fig. 2(a) with the NT
specimen exhibiting lower deformation and strain rate compared
to the NC specimen at all temperatures. Fig. 2(c) shows the strain
versus time plots for NT samples with different twin spacings at
an applied stress of 0.5 GPa. Fig. 2(d) shows the variation of the
creep rate as a function of the TB spacing at an applied stress of
1 GPa. The results reveal that the creep resistance of NT metals
improves with decreasing twin spacing in comparison to the NC
metals of the same grain size.

Fig. 1. Simulation specimen after thermal equilibration visualized by common neighbor analysis [26] (Blue: FCC, Red: HCP, Yellow: BCC, Green: Others) using Ovito [27]: (a)
nanocrystalline (NC) Cu, (b) nanotwinned (NT) Cu with twin boundary (TB) spacing of 0.6 nm. (For interpretation of the references to color in this figure legend, the reader is

referred to the web version of this article.)
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Fig. 2. (a) Creep curves for NC Cu and NT Cu with TB spacing of 0.6 nm at 960 K under different applied stresses; (b) creep curves for NC Cu and NT Cu with TB spacing of
0.6 nm under 0.6 GPa stress at different temperatures; (c) creep curves for NC Cu and NT Cu with different TB spacings under 0.5 GPa of applied stress at 960 K; and (d)

variation of the creep rate versus TB spacing at applied stress of 1 GPa at 960 K. In (a)
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1.2 nm, and (d) NT Cu with TB spacing of 0.6 nm. All simulations were performed at

According to the Bird-Dorn-Mukherjee equation (Eq. (1)), the
strain rate € follows a power-law relationship with stress, which
may be expressed as € o« o". Therefore, the stress exponent n is
given by n = dlog €/9log g, which is simply the slope of the strain

and (b), the solid lines denote NT Cu and dashed lines denote NC Cu.

~— 1010
2
]
&
o 10°
5
@
S
o
10°
Stress (GPa)
(b)
~ 10"t
K
]
&
o 10%¢
D
@
S
o

10°

Stress (GPa)
(d)

Fig. 3. Log-log plots for steady-state creep rate versus applied stress for different specimen: (a) NC Cu; (b) NT Cu with TB spacing of 2.5 nm; (c) NT Cu with TB spacing of

960 K.

rate versus stress curve on a log-log plot. Fig. 3 shows the variation
of the creep rate with stress for different specimen. The value of n
for different ranges of stress is estimated as follows. The linear
regime (red line) is determined by the best fit to n closest to 1.
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The regime for n > 4 (green line) is determined by examining the
atomistic structures and noting the onset of dislocation nucleation.
The slope of the intermediate regime (blue line) is estimated by fit-
ting a straight line through the remaining data points. The stress
exponent is an important parameter for identifying different creep
mechanisms. In their atomistic study, Wang et al. [19] have shown
that there is a transition in the creep mechanism in NC Cu from GB
diffusion and sliding to dislocation nucleation with increasing
applied stress. This transition is also reflected in the different val-
ues of n for different stress ranges obtained from their molecular
dynamics simulations. As shown in Fig. 3(a), our results for n for
NC specimen of grain size of about 10.8 nm are in close agreement
with those presented by Wang et al. [19]. At low applied stress
range from 50 MPa to 250 MPa, n ~ 1, and hence the correspond-
ing creep mechanism is expected to be diffusional creep. Owing
to the very small grain size, and consequently, very high density
of GBs, we expect the mechanism to be Cobble creep. To confirm
this from atomistic structures, we follow the method proposed
by Yamakov et al. [17] to visualize diffusion. To this end, we use
markers of alternating colors to identify straight bands of atoms
in a given cross-section of the undeformed specimen (Fig. 4(a)).
As shown in Fig. 4(b), after creep deformation, the markers remain
straight within the grains but are distorted considerably along GBs,
indicating diffusion along GBs. At moderate applied stress range
between 250 MPa and 800 MPa, where n =~ 2, creep is believed to
be dominated by grain boundary sliding based on prior studies
[19,9]. Fig. 4(c) identifies GB sliding at an applied stress of
0.6 GPa based on another method discussed by Yamakov et al.

[17]. The intersecting markers (shown by black lines of atoms)
are initially perpendicular to each other but distortions at the
intersections after deformation (shown in circles) indicate sliding
of the grains along GBs. Again, as noted earlier, we believe that dif-
fusion and sliding should occur concurrently to accommodate each
other in both cases (n ~ 1 and n ~ 2). Finally, at high applied stress
above 800 MPa, where n ~ 4.6, or rather n > 4, we observe that
dislocation nucleation becomes the dominant deformation mecha-
nism. Atomistic structures of NC Cu in Fig. 5(a—c) illustrate disloca-
tions nucleating from grain boundaries during steady-state creep
when the stress is above 800 MPa. The density of nucleated dislo-
cations is observed to increase with the applied stress. Fig. 5(b)
shows only a few stacking faults at 200 ps when the applied stress
is about 0.8 GPa which is about the stress value when the slope of
the creep curve changes from 2 to larger than 4 (Fig. 3(a)). In Fig. 5
(c), however, we see more intragranular stacking faults at just
20 ps when the applied stress is about 1.5 GPa. Based on Fig. 4
(d), we observe that some GB sliding may also occur in addition
to dislocation activity in the n > 4 region. This is consistent with
the MD simulations reported by Wang et al. [19]. It is important
to bear in mind that although our stress exponent in the high stress
range is consistent with power-law creep (n > 4), the mechanisms
observed are very distinct. While MD simulations show the mech-
anism to be dislocation nucleation, the power-law creep is under-
stood to arise primarily from dislocation glide-climb. However, due
to extremely high strain rates, dislocation climb cannot be
observed in MD simulations and dislocation nucleation is the
dominant deformation. Hence, it is difficult to say, purely from

Fig. 4. Cross-sectional snapshots of NC Cu during creep at 960 K: (a) after thermal equilibration; (b) at 0.2 GPa stress after 200 ps; (c) at 0.6 GPa stress after 200 ps; (d) at
1.1 GPa stress after 50 ps. In (a) and (b), the atoms are marked as straight bands of alternating red and blue. The distortions along GBs in (b) indicate GB diffusion during creep.
In (c) and (d), the atoms are marked in the form of intersecting black lines that are perpendicular to each other in the undeformed configuration (not shown). Distortions at
their intersections (marked by circles) indicate GB sliding [17]. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of

this article.)
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(a)

(b) ©

Fig. 5. Cross-sectional snapshots of NC Cu during creep at 960 K: (a) after thermal equilibration; (b) after 200 ps at 0.8 GPa stress; (c) after 20 ps at 1.5 GPa applied stress. The
atomistic structures are visualized using common neighbor analysis (Blue: FCC, Red: HCP, Yellow: BCC, Green: Others). (For interpretation of the references to color in this

figure legend, the reader is referred to the web version of this article.)

MD simulations, whether dislocation nucleation can be identified as
a creep mechanism at nanoscale grain sizes. Experimental studies
and multi-scaling modeling are needed to provide further insights.

Fig. 3(b) shows the plot for the creep rate versus stress for NT Cu
with TB spacing of 2.5 nm. We find that the variation in n is similar
to that for NC Cu (Fig. 3(a)) with the deformation mechanism tran-
sitioning from diffusional creep at lower stresses to dislocation
nucleation from GBs at higher stresses. Fig. 3(c) and (d) show the
plots for the creep rate versus stress for NT Cu with TB spacing
of 1.2 nm and 0.6 nm respectively. Comparing with Fig. 3(a), we
note two striking differences. First, the initial linear regime extends
over a larger range of stresses. In the case of NT Cu with 0.6 nm TB
spacing, the diffusional creep is the dominant mechanism up to
500 MPa compared to about 250 MPa in the case of NC Cu. This
indicates that the CTBs entail a higher applied stress for the onset
of power-law creep and consequently lead to lower creep rate in
this stress range. Fig. 6(a) shows diffusion occurring primarily
along GBs at a stress of 0.2 GPa. It also indicates that diffusion does
not occur along TBs as the markers remain undistorted with the
grains containing TBs. Second, there is no regime corresponding
to n~ 2 unlike NC Cu. Instead, we find n~ 3 for intermediate
stresses before transitioning to n > 4 for creep mediated by dislo-
cation nucleation. What is the deformation mechanism that leads
to a different stress exponent for intermediate stresses? To address
this question, we examine the evolution of the atomistic structures
of our NT specimen with the smallest TB spacing of 0.6 nm. As
shown in Fig. 7, we observe several incidents of TB migration when
the applied stress is in the range of 500-1000 MPa. In fact, the TB

migration becomes more profuse with increasing stress. This
observed normal motion of the TBs is a result of partial dislocations
nucleating from the TB-GB junctions and gliding along the twin
plane. Twin migration has also been observed as a plasticity mech-
anism in prior molecular dynamics studies of nanocrystalline met-
als [28,29]. The study by Li et al. [29] reveals a transition in
mechanism from stacking faults intersecting with TBs to TB
migration when the twin spacing is reduced. In particular, their
simulation of NT Cu with a grain size of 10 nm and TB spacing of
0.6 nm shows that TB migration leads to softening of the specimen
owing to the high density of TB-GB junctions. Interestingly, we do
not see considerable softening even with 0.6 nm twin lamellar
thickness, possibly because our grains are more uniform in shape
and size (to avoid grain growth) compared to the specimens used
by Li et al. [29]. In fact, we observe that the specimen with the
smallest possible TB spacing exhibits the largest creep resistance.
We further note that some GB sliding may occur in conjunction
with TB migration at these intermediate stresses, although the
latter is the dominant creep mechanism resulting in n ~ 3. This
is evident from Fig. 6(b) which shows some GB-mediated diffusion
and sliding in addition to TB migration. Finally, for the n > 4 region,
we observe considerable dislocation activity. In contrast to NC Cu
which shows intragranular stacking fault ribbons emanating from
GBs, NT Cu exhibits stacking faults mostly nucleating parallel to
the TBs due to the high density of pre-existing TBs. This is
consistent with the simulations of Li et al. [29]. Stacking faults
intersecting with TBs are observed only at later stages of
deformation.

(a)

(b)

Fig. 6. Cross-sectional snapshots of NT Cu with twin spacing of 0.6 nm during creep at 960 K: (a) at 0.2 GPa stress after 200 ps; (b) at 0.7 GPa stress after 200 ps. In (a) the
atoms are marked as straight bands of alternating red and blue. The distortions along GBs indicate GB diffusion. In (b) the intersecting markers are perpendicular to each other
in the undeformed configuration (not shown). Distortions at their intersections indicate GB sliding. (For interpretation of the references to color in this figure legend, the

reader is referred to the web version of this article.)
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(d)

Fig. 7. Cross-sectional snapshots of NT Cu with TB spacing of 0.6 nm during creep at 960 K: (a) after thermal equilibration; (b) At 0.5 GPa stress after 200 ps; (c) At 0.7 GPa

stress after 200 ps; (d) At 1 GPa stress after 200 ps.

Comparing Fig. 3(a) and (d), we note that there is an intermedi-
ate stress range of about 0.55-0.8 GPa, when n ~ 2 for NC Cu and
n ~ 3 for NT Cu with 0.6 nm TB spacing. A simplistic interpretation
of these results using the power-law for creep may lead us to
expect that the steady state creep rate and the strain deformation
for NT Cu should be greater than that for NC Cu in this overlapping
stress range. However, a closer look at the data presented in Fig. 3
reveals that the creep rate for NC Cu is consistently higher than
that for NT Cu. For instance, we consider the applied stress of
0.6 GPa which lies in the n~ 2 region for NC Cu and the n~3
region for NT Cu with 0.6 nm TB spacing. The € for the former is
8.6 x 10" s~! which is larger than the ¢ for the latter which is
6.2 x 107 s~!. Furthermore, the strain versus time results (Fig. 2
(a)) also indicate that the strain for NT Cu is always lower than
NC Cu for all stresses simulated. This implies that the power-law
€ oc 0" is a mere indicator of the trend followed by the creep rate
as a function of the applied stress; the precise value of the strain
rate can depend on other factors such as the parameters that go
into the proportionality coefficient. Another possible reason for
the low creep rate of NT Cu despite n ~ 3 is that the linear regime
in the case of NT Cu with 0.6 nm TB spacing extends over a larger
stress range (up to 0.55 GPa) thus keeping the creep rate lower
when the n ~ 3 region begins. Compared to this, in the case of
NC Cu, the linear regime transitions to the n ~ 2 region sooner
(at about 0.25 GPa) which leads to a faster increase in creep rate.

The activation volume, which is defined as Q = v/3ksTdln¢/do,
is another important parameter for identify the rate-controlling
deformation mechanisms of metals and alloys and is estimated
from the slope of the In € versus stress curve [30,31]. In microcrys-
talline Cu, when dislocation motion dominates plasticity, the
activation volume is usually about 1000b> where b is the Burgers
vector, making it a fairly rate-insensitive process [32-34]. With
the decrease in the grain size down to the nanometer length scale,

dislocation motion is significantly suppressed by the higher frac-
tion of grain boundaries in the system and GB-mediated processes
become the dominant mechanisms [35]. This transition results in
activation volumes in nanocrystalline metals almost one to two
orders of magnitude smaller depending on the grain size, and a
concomitant increase in strain rate sensitivity [36,37]. Fig. 8 com-
pares the curves for In € versus applied stress for NC Cu and NT Cu
with twin spacing of 0.6 nm obtained from our simulations. For NC
Cu of a grain size of about 10 nm, the maximum activation volume
is obtained to be about 9b°. The result is in excellent agreement
with the simulations of Wang et al. [19] which yield a value of

10b*, and the analytical work of Asaro and Suresh [38] which pre-

dicts the range to be 3-10b for NC metals. It is interesting to note
that NT Cu shows very similar variation of the In € versus stress
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Fig. 8. Variation of the In € versus applied stress in NC Cu and NT Cu with 0.6 nm TB
spacing at 960 K.
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despite the extremely small TB spacing and the transition in creep
mechanism to TB migration. We speculate that the activation vol-
ume is affected primarily by the already restrictive grain size of
about 10 nm and hence reflects ostensibly no difference due to
the presence of TBs in our simulations.

4. Conclusion

Our molecular dynamics study elucidates the role of twin
boundaries in lowering the creep rate in nanotwinned metals with
decreasing twin spacing. The nanotwinned metals exhibit
improved creep response at all applied stresses and temperatures
studied here in comparison to nanocrystalline metals with the
same grain size. We observe TB migration as a new creep mecha-
nism dominant at intermediate stresses in nanotwinned structures
with angstrom-scale twin spacing of about 0.6 nm in a grain size of
about 10 nm. This is the rate-controlling mechanism at stresses
ranging from 500 MPa to 1000 MPa and leads to a stress exponent
of about 3. We note that the molecular dynamics study by Li et al.
[29] shows that the optimal twin spacing for maximum yield
strength is dependent on the grain size. Such interplay of twin
and grain size effects could also play a role in determining the
rate-controlling mechanisms and the overall creep response of
nanotwinned structures. Furthermore, unlike their conclusions,
we do not observe any noticeable softening of the strain versus
time curve for samples with high density of CTBs in our creep sim-
ulations. Hence, more creep tests on larger grain sizes spanning a
range of twin lamellar thickness are needed to provide insights
into the optimal twin spacing as a function of grain size in the con-
text of creep behavior. Further studies can also shed light on the
implications of TB migration as a rate-controlling creep mecha-
nism and its interplay with GB sliding as indicated by the change
in the stress exponent. In this regard, it is also interesting to exam-
ine how these results for creep mechanisms, specifically the role of
TB migration, would extend to different fcc metals. Our previous
work has investigated the deformation mechanisms governing
the strength and stability of nanotwinned structures in various
fcc metals [39,40]. Based on these studies, we speculate that the
creep response of Ag and Pd should be similar to Cu at equivalent
homologous temperatures since the twin boundaries in these met-
als exhibit similar properties. Al in turn, may show TB migration at
lower stresses due to its low resistance to shear coupled normal
motion, and consequently higher tendency for TB migration. A final
note of caution related to the use of molecular dynamics is in order
here since these conventional atomistic approaches are generally
incapable of capturing the atomistic dynamics on the scale of
microseconds and beyond. Consequently, our simulations, or other
molecular dynamics studies for that matter, suffer from extremely
high strain rates and hence are not ideally suited for studying time-
dependent phenomena such as creep. In order to partially circum-
vent this limitation, all simulations have been performed above 0.5
homologous temperature, at which atomistic results are known to
be consistent with experimental data for these metals [22].

Nevertheless, studying the transition in creep mechanisms at real-
istic strain rates and temperatures using novel timescaling
approaches presents an exciting avenue for future work.
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